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High-speed optical temperature measurement and digital imaging elucidated the solidification behavior of undercooled Nd2Fe14B melt
through containerless processing by an electromagnetic levitation method. The Fe phase solidified primarily from the melt. Subsequently, the
remaining melt was undercooled below the peritectic temperature and the Nd2Fe14B phase surrounded the primary Fe dendrites, yielding the
recalescence. The clear interface of the thermal field propagated and covered the entire sample. Detailed microstructural observation showed
that the Nd2Fe14B phase surrounding the different Fe dendrites mutually came into contact with the several points. This suggested that many
sites for nucleation of the Nd2Fe14B phase are not necessary for the successive growth of the Nd2Fe14B phase that was maintained by the spread
of the Nd2Fe14B phase to the different primary Fe dendrites. This resulted in the macroscopic interface of the thermal field during recalescence.
Moreover, the undercooled melt was dropped from the levitation coil and quenched by a pair of copper chill plates with moulds, the shape of
which is a hemisphere cap, in order to obtain a small bulk sample for industrial purpose. The spherical sample with the diameter of 5mm was
successively obtained without decreasing the cooling rate. This result suggests the possibility of the net shaping of a small magnet from the melt.

(Received November 18, 2002; Accepted April 4, 2003)

Keywords: containerless solidification, Nd2Fe14B, splat quench, peritectic reaction, net shaping

1. Introduction

Rapid solidification processing has been applied to
improve the magnetic properties of Nd–Fe–B alloys. The
electromagnetic-levitation (EML) method was used by
Hermann and Loeser1) fourteen years after Croat et al.
obtained the energy product of 14 MGOe by a melt spinning
technique.2) As shown in 1989 by Yamamoto et al.,3) the fine
spherical Nd–Fe–B powders produced by a high-pressure
argon atomization technique resulted in a lower coercivity
than that obtained via the melt spinning technique. The
reason why there are limited investigations using the EML
method may be in relatively lower cooling rate than that of
the atomization technique. However, it is difficult to reveal
the rapid solidification behavior during the melt spinning and
atomization because of the difficulty of the temperature
measurement during quenching and solidification, while the
containerless processing allows us to observe the solidifica-
tion behavior owing to the free surface of a levitated sample
with measurable size. Therefore, in situ observation via a
high-speed video camera (HSV) is beneficial for revealing
what actually occurred during the rapid solidification.

Recently, small permanent magnets of millimeter size
have been desired for the control of electric and optical
devices4) and are cut from large ingots prepared by bond
magnets or sintered magnets. Considering the cutting loss,
the introduction of the net-shaping technique which enables
the direct formation of the magnet with desired shape from
the melt is required. Here, EML was combined with the splat-
quenching system to increase the cooling rate. The under-
cooled melt was dropped from the levitation coil and
quenched by a pair of copper chill plates with moulds, the
shape of which is the hemisphere cap, to obtain the small

permanent magnet directly. The objective in this study is to
explore the possibility of the net shaping of a small magnet
from the melt as well as to observe the rapid solidification
behavior using the HSV.

2. Experimental

Figure 1 shows a schematic of the EML apparatus with the
splat-quenching system. The ingot with stoichiometric
Nd2Fe14B composition prepared by arc melting was cut into
small pieces by a diamond cutter. Several samples were
placed on quartz sample holders in a chamber. The chamber
was then evacuated to around 10�3 Pa and backfilled by high-
purity Ar gas (6N). The sample was levitated and melted by
the electromagnetic force of a coil and then cooled by a flow
of high-purity He gas (6N) from the bottom of the droplet so
that the sample could solidify at the levitation state. The
temperature of the melt surface was monitored at 100Hz with
a two-color pyrometer with central operating wavelengths of

pyrometer

HSV

Gas outlet

Gas inlet

Solenoid coil
Copper chill plate

sample

RF generator

Fig. 1 Schematic of the EML combined with direct current-driven splat

quenching apparatus. The distance from the levitation center in the coil to

the center of the chill plates is 200mm. The quenching is adjusted by

varying the delay time between the release of the droplet and start of the

chill plates.
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0.9 and 1.55 mm and a spot diameter of 1mm. Moreover, a
color high-speed video camera (HSV) with the high resolu-
tion of 572� 434 pixels, NAC MEMRECAM Ci-4, was
operated at 500 frames/s to observe the solidification
behavior during cooling.

Alternatively, the levitated sample was released by turning
off the main power of the levitation coil, which triggered a
pair of direct current-driven solenoids with a variable delay
time system. The solenoids quickly moved the copper chill
plate. In the present experiment, two types of chill plates
were used, a flat type and a mould type. The mould type has a
5-mm-diameter hemisphere cap machined at the center of the
plate. The resulting shape of the quenched sample is a thin
disk or spherical shape, depending on respectively, whether a
flat or mould type chill plate is used. The processed
specimens were analyzed by scanning electron microscopy
(SEM) in conjunction with an energy-dispersive spectro-
scope (EDS) and powder X-ray diffraction (XRD) method.

3. Results

Figure 2(a) shows the XRD result for the sample nucleated
spontaneously in the EML. The intense peak of the Fe phase
was observed and the Nd2Fe14B phase was also identified.

Figure 3 shows the cross-sectional micrograph of the
sample nucleated spontaneously in the EML. The black, gray
and white parts are the Fe, Nd2Fe14B and Nd-enriched
phases, respectively, which were confirmed by the compar-
ison of the EDS and XRD results. The dendritic Fe phase
solidified primarily and was surrounded by the Nd2Fe14B
phase. The Fe dendrites (A) and (B) seem to grow from
different nuclei because they exhibit different growth direc-
tions. The Nd2Fe14B phase which surrounded the Fe
dendrites (A) and (B), however, came into contact with each
other at several points, though segregation of the Nd-enriched
phase was mainly observed between Nd2Fe14B phases. This

microstructure was observed throughout the sample.
Figure 4 shows the cooling curves measured by the two-

color pyrometer. The curves (a) and (b) were raw data
obtained by Si (0.9 mm) and InGaAs (1.55 mm) detectors with
the emissivity (") of unity, respectively. Here, the surface
temperature (c) was calculated by the two-color calibration
based on the assumption that the " value at 0.9 mm is the same
as that at 1.55 mm. The result, however, is unreasonable
because according to the equilibrium phase diagram of Fe–
Nd–B there is no phase change at the temperature where the
first recalescence was observed and the post-recalescence
temperature of the second one is higher than the liquidus
temperature TL.

Figure 5 shows the sequential HSV images that corre-
spond to the first recalescence in Fig. 4(c). Each frame is
taken at intervals of 0.03 s. The small bright particles initially
appeared near the bottom of the sample, then coalesced at the
top part of the droplet. Finally the formed surface layer
spread downward. This layer should be suspected to an oxide
film. Since the oxidation of the sample and formation of a
thin film do not release sufficient heat so as to elevate the
temperature high enough so that it can be measured by a
pyrometer, the first recalescence can be regarded as unreal
but apparent. The " value of an oxide is larger than that of a
metallic material. This means the brightness of the oxide is
greater than that of the metallic material, even if their
temperatures are similar. In addition, the first recalescence in
the cooling curve (b) is not as clear as that in (a). The reason
for this is that the InGaAs detector is insensitive to the
formation of the thin film because the operating wavelength
is nearly equal to or larger than the thickness of the thin film.
In this case, it can be concluded qualitatively that the InGaAs
detector monitors the inside of the oxide film, whereas the Si
detector monitors the surface of the film. In fact, the " value
evaluated through the two-color calibration changed to 0.11
as the surface film was formed, as shown in Fig. 4(d). The
theoretical basis of the two-color calibration failed comple-
tely here. Therefore, the actual surface temperature (e) was
calibrated from the cooling curve (b) using the constant value
of " ¼ 0:20, which was evaluated through the two-color
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Fig. 2 XRD patterns for the spontaneously nucleated sample (a) and the

sample dropped at 1605K and quenched by the copper chill plates (b).

Fig. 3 Cross-sectional SEM micrograph of the spontaneously nucleated

sample. The dark and brown phases are the Fe and Nd2Fe14B phases,

respectively. The Nd enriched phase was observed between the Nd2Fe14B

phases.
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Fig. 4 Typical cooling curves measured by the two-color pyrometer with Si (0.9mm) and InGaAs (1.55mm) detectors. (a) By Si with

" ¼ 1, (b) by InGaAs with " ¼ 1, (c) by two-color calibration independent of the " value, (d) emissivity change as a function of time, and

(e) by InGaAs with constant value of " ¼ 0:20. TL and TP indicate the liquidus temperature and the peritectic temperature, respectively.

Fig. 5 First recalescence behavior captured by the HSV. Frames are shown at intervals of 0.03 s. The bright particles were blown up from

the bottom and the thin layer was formed.
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calibration above the temperature where the oxide film
appears. The result is that the post-recalescence temperature
was corrected to be below the liquidus temperature.

From the microstructural observation in Fig. 3, therefore,
the second recalescence and the third recalescence were
ascribed to the solidification of the primary Fe and Nd2Fe14B
phases, respectively.

Figure 6 shows the sequential HSV images that corre-
spond to the third recalescence. Each frame was taken at
intervals of 0.08 s. It is clear that the interface of the thermal
field propagates and completes the sample.

In order for the growth kinetics of the peritectic Nd2Fe14B
phase to be dominated, the levitated melt was released at the
predetermined temperature by turning off the RF power in the
levitation coil and quenched by pressing the droplet from
both sides between a pair of copper plates, as shown in Fig. 1.
The quenching temperature is just above the temperature
where the primary Fe phase nucleates, as shown by the arrow
(1) in Fig. 4(e). Figure 7 shows the SEM micrograph of the
cross-sectional plane of the splat-quenched sample, where
arrows indicate the direction of quenching. The typical
thickness of the quenched sample was 100 mm. The cross-
sectional plane was etched by 3% HNO3 solution after
polishing and the microstructure was revealed. No phase
other than the Nd2Fe14B phase was identified by the XRD
analysis, as shown in Fig. 2(b). The grain size of the
Nd2Fe14B phase measured at the quenched surface is too
small to be qualified by the SEM micrograph, whereas it is
5 mm at the midpoint of thickness.

Moreover, the undercooled melt was quenched by a pair of
copper chill plates with moulds, the shape of which is a
hemisphere cap in order to obtain a small bulk sample.
Figure 8 shows the whole view of (a) the sample solidified
under levitation and (b) the sample splat-quenched by a pair

Fig. 6 Third recalescence behavior captured by the HSV. Frames are shown at intervals of 0.08 s. The dark part was the mixture of the

primary Fe phase and remaining liquid, while the bright part was the thermal field produced by the peritectic reaction of the Fe and liquid

phases, which were observed through the thin layer. The sample was rotating during recalescence.

Fig. 7 Cross-sectional SEM micrographs of the sample dropped and splat

quenched at 1590K. The arrows indicate the quenching direction. This

sample was etched by 3% HNO3 solution for 20 seconds.

Fig. 8 Appearance of the sample solidified in the levitation coil (a) and

quenched by copper chill plates with hemispherical holes (b). The

diameter is almost the same, while the cooling rate for quenched sample is

much higher than that for the sample solidified in the coil.

856 K. Nagashio, M. Li and K. Kuribayashi



of copper chill plates with moulds of a hemispherical cap. It
is clear that the sample quenched by chill plates has the same
shape as that of the mould. Figure 9(a) shows a cross-
sectional micrograph of the sample quenched by chill plates,
which is taken by a stereomicroscope. Numerous voids are
observed with diameters of 10–800 mm inside the sample.
This may be because the Ar gas in the mould was involved
into the sample during quenching. It can be thought that the
backfilled gas trapped inside the moulds during quenching
formed these voids. The magnified SEM image of the white
dotted square in Fig. 9(a) is shown in Fig. 9(b). As shown in
this figure, the Nd2Fe14B phase is predominant at the edge
part, while equi-axed grains of the Fe phase are seen to have
grown in the area far from the edge part, particularly at the
center.

4. Discussion

The high undercooling�300K of Fe alloys such as Fe–P5)

and Fe–Ni6) has been reported using the EML. In the present
study, however, the undercooling level of the melt was much
lower than the Fe alloys, as shown in Fig. 4(e), because the
thin film formed at temperatures above the liquidus tempera-
ture during cooling catalyzed the nucleation of the primary
Fe phase. This thin film appears to be an oxide. Sellers et al.7)

identified the thin film of the Nd2O3 phase on the atomization
powders by Auger analysis. However, it appears that the
present thin film is not of the Nd2O3 phase but of the ternary
Fe–Nd–O phase where the activity of Nd is markedly
reduced, because this layer diminished at temperatures of
more than 1900K under levitation, which is much lower than
the melting point of the Nd2O3 phase (�2300K8)).

Three mechanisms for the formation of the peritectic phase
have been reviewed.9) First, the primary phase decomposes at
the triple junction of primary, peritectic and liquid phases and
solute atoms are incorporated into the peritectic phase
through liquid-state diffusion. This is the peritectic reaction.
Second, solute atoms are incorporated into the peritectic

phase through solid-state diffusion. This is defined as the
peritectic transformation. Finally, the direct growth occurs
from the liquid whose chemical composition is close to the
peritectic liquid composition. Note that this direct growth is
different from the primary growth of the peritectic phase
from the undercooled melt.10,11) St John and Hogan12)

reported typical cooling curves in the peritectic Zn–8wt%Cu
alloy at different cooling rates. They showed that the duration
of the plateau at the peritectic temperature decreased with
increasing cooling rates and finally disappeared. They
suggested, based on this experimental result, that the
peritectic transformation corresponding to the duration of
the plateau was suppressed as the cooling rate was increased,
because the peritectic reaction is so fast that the small amount
of solid formed during the reaction is not expected to release
sufficient latent heat for the temperature to be constant at the
equilibrium temperature. In the Fe–Nd–B system, however,
clear recalescence was observed, as shown in Figs. 4(e) and
6.

In the present Fe–Nd–B system, detectable undercooling
�100K of the Nd2Fe14B phase from the peritectic tempera-
ture indicates that the primary Fe phase as well as the thin
film formed on the surface do not have sufficient catalytic
potential for the Nd2Fe14B phase to be nucleated hetero-
geneously, in contrast with the Zn–Cu alloy system. More-
over, it is difficult for the peritectic transformation to occur
after the primary Fe phase is surrounded by the Nd2Fe14B
phase, because the Nd2Fe14B phase is a stoichiometric
compound in which there is no compositional gradient.
Therefore, the peritectic reaction and the direct growth are
the predominant sources of the rapid heat release corre-
sponding to the pronounced recalescence. Hence, a clear
macroscopic interface formed by the thermal field was
observed as shown in Fig. 6. Figure 10 illustrates possible
growth modes of the Nd2Fe14B phase during recalescence. If
the Nd2Fe14B phase can grow from one nucleation site
independent of the primary Fe dendrites (a), the macroscopic
interface shown in Fig. 6 should be observed. However, the

Fig. 9 Cross-sectional micrographs of the sample quenched by copper chill plates with hemispherical holes. (a) The whole image taken by

stereomicroscope, (b) the magnified SEM image in the white dotted box of (a).
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microstructure in Fig. 3 indicates that the growth mode (b) is
plausible and that the Nd2Fe14B phase surrounding the Fe
dendrite (A) came into contact with the other Nd2Fe14B
phase surrounding the Fe dendrite (B). In this case, one
nucleus of the Nd2Fe14B phase is sufficient for successive
growth and the recalescence interface to appear macrosco-
pically as shown by the broken line in Fig. 10(b). At growth
mode (c), many sites of nucleation are allowed. However,
successive nucleation to lead to the macroscopic interface
during recalescence is not appreciated because nucleation is
expected to occur at any sites on the sample surface. In order
that the Nd2Fe14B phase surrounding different Fe dendrites
can come into contact with each other, the direct growth must
be more predominant than the peritectic reaction during
recalescence. This is also supported by the fact that the
volume fraction of the Nd2Fe14B phase is larger than that
expected only by the peritectic reaction. In fact, St John13)

suggested that the direct growth of the peritectic phase is
more likely to occur than the peritectic reaction in the Cu–Sn
alloys. He, however, has not clarified the mechanism for the
direct growth.

Hitherto, the preferential synthesis of the Nd2Fe14B phase
to the Fe phase during melt spinning has been discussed
based on the continuous-cooling transformation (CCT)
diagram.14–16) The CCT diagram focuses on nucleation rates
in different phases at different cooling rates. Recently,
Umeda et al.17) discussed phase selection from the viewpoint
of the competitive growth in the peritectic system under
directional solidification conditions based on interface
response functions.18) It was suggested that the Nd2Fe14B
phase should grow preferentially at the growth velocity
higher than the critical velocity of �1mm/s where the
transition from the Fe phase to the Nd2Fe14B phase can
occur. However, their theoretical calculation is not applicable
to the present study because the variable parameter for the
directional solidification is the interface undercooling, not the
bulk undercooling which can be obtained experimentally in
the containerless solidification. Here, the basic concept of
phase selection under the free growth condition is that growth
velocities of competitive phases are independently calculated
at the same starting melt composition and compared on the
basis that the phase with a higher growth velocity is
predominant. Moreover, phase selection does not predict

the growth behavior of the 2nd phase accompanied with the
growth of the predominant phase, because the growth
conditions of both phases are taken into account for the melt
with the same starting chemical composition. In the present
study, therefore, the growth velocities of the Fe and
Nd2Fe14B phases were independently calculated as a func-
tion of undercooling using free dendrite growth model with
the kinetic undercooling proposed by Lipton, et al. (LKT
model19)). The total undercooling (�T) for a single phase
growth consists of four contributions:

�T ¼ �Tc þ�Tt þ�Tr þ�Tk; ð1Þ

where �Tc is constitutional undercooling, �Tt is thermal
undercooling, �Tr is curvature undercooling and �Tk is
kinetic undercooling. The relationship between �T and V is
obtained from the eq. (1) when marginal stability criteria20) is
applied.

Figure 11 shows the growth velocities of the Fe and
Nd2Fe14B phases as a function of the melt temperature. TL,
TC and TP indicate the liquidus temperature, hypothetical
congruent melting point and the peritectic temperature,
respectively. The physical properties used in the calculation

(a) (b)

A

B

(c)

Fig. 10 Schematic of three possible growth modes of the Nd2Fe14B phase during recalescence. The solid and broken lines indicate the

macroscopic interface of the thermal field which will appear on the surface. (a) The growth of the Nd2Fe14B phase is independent of the

primary Fe dendrites. (b) The Nd2Fe14B phase propagates using the network of the primary Fe dendrites mainly by the direct growth. (c)

The Nd2Fe14B phase grows mainly by the peritectic reaction. The nucleation of the Nd2Fe14B phase is required on each primary Fe

dendrite for successive growth.
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are listed in Table 1. The hypercooling limit, (�Thyp ¼
�Hf=C

L
P ) and the linear kinetic coefficient (�) for the

Nd2Fe14B phase are yet unknown. It was assumed in the
calculation that �Thyp ¼ 0:35TM, because this value is
typical in metallic materials and the hypercooling limit is
not the parameter that can control the growth velocity. On the
other hand, � is the most important parameter especially for
materials with high entropy of fusion, given as follows,

�Tk ¼
V

�
: ð2Þ

The small � value leads to the low growth velocity at the
constant�T . Generally, � is on the order of 1, 10�1 and 10�2

for metals, semiconductors and intermetallic compounds,
respectively.4,21,22) When � ¼ 10�2 m/sK was assumed here
for the Nd2Fe14B phase, the growth velocity of the Nd2Fe14B
phase was higher than that of the Fe phase at the transition
temperature of 1459K, while the growth velocity of the Fe
phase is always higher than that of the Nd2Fe14B phase in the
case of � ¼ 10�3 m/sK. From these comparisons, it is
suggested that the change in the � value results in the
selection of different phases. Since it has been reported that
the � value is 0.014m/sK in a cubic intermetallic compound
FeSi,22) here � ¼ 10�3 m/sK may be reasonable for the
Nd2Fe14B phase due to tetragonal intermetallic compound
(c=a ¼ 1:39). Umeda et al.17) calculated the transition
velocity without considering the kinetic undercooling. In
order to determine the value of the transition velocity for the
phase selection between Fe phase and the Nd2Fe14B phase
precisely, it is necessary to take into account the kinetic
undercooling, because the growth velocity of the Nd2Fe14B
phase depends on the � value.

Splat quenching of the melt undercooled to the tempera-
ture just above the nucleation temperature of the Fe phase
was carried out in order for the growth kinetics of the
Nd2Fe14B phase to be facilitated. The Nd2Fe14B phase
solidified directly from the undercooled melt, as shown in

Fig. 7, in contrast with the levitation sample. Moreover,
modifying this splat quenching technique, a small magnet of
the near-net shape was successively produced by a pair of
copper chill plates with hemispherical caps, as shown in Fig.
8(b). The Nd2Fe14B phase, however, was restricted to within
the area adjacent to the edge of the sample. There are two
possible reasons why the Nd2Fe14B phase was not formed at
the center of the sample. One is that the voids formed during
quenching might suppress the rejection of the latent heat to
chill plates. The other is that the cooling rate might not be
sufficient for the entire volume of the melt to solidify into the
Nd2Fe14B phase directly.

In order to solve the above-mentioned problems and to
increase the volume fraction of the Nd2Fe14B phase, there are
three methods available, quenching at reduced pressure,
increase of the initial undercooling prior to quenching, and
optimization of the chemical compositions, respectively. The
first one is difficult, because electromagnetic levitation is
fundamentally unsuited for experiments under reduced
pressure, in particular at the pressure level of glow discharge.
In high vacuum, on the other hand, it may occur that
vaporized elements having high vapor pressure such as Nd
are deposited on the levitation coil and then induce the
discharge in the coil. The second one is also difficult, because
the thin film formed above the liquidus temperature, as
shown in Fig. 5, catalyzes the nucleation of the Fe phase,
which reduced the initial undercooling. The main advantage
of the combination of the EML and splat quenching is to
control the initial undercooling prior to the quenching, in
contrast with the melt spinning where the melt is usually
quenched from temperatures above the liquidus temperature.
The third one is the most effective method, if we can optimize
the chemical composition of samples to be undercooled
below the peritectic temperature without precipitation of the
Fe phase. The alternative method is to use samples that can
easily be vitrified.

5. Conclusions

Containerless solidification was carried out to elucidate the
solidification behavior in the Nd2Fe14B system. The free
surface of the levitated melt allowed us to observe recales-
cence using the HSV, in contrast with the melt spinning. The
Fe phase solidified primarily and the Nd2Fe14B phase
surrounded the primary Fe dendrites. When the Nd2Fe14B
phase was formed, the macroscopic interface of the thermal
field was clearly observed. From the microstructural ob-
servation which showed that the Nd2Fe14B phases came into
contact with each other, it is suggested that many sites for
nucleation of the Nd2Fe14B phase are not be necessary for the
successive growth of the Nd2Fe14B phase that was main-
tained by the spread of the Nd2Fe14B phase to the different
primary Fe dendrites. From among the three kinds of
formation mechanisms of the peritectic phase, the direct
growth of the Nd2Fe14B phase appears to be responsible for
this peritectic formation.

The quenching of the undercooled melt was carried out by
combining the EML with the splat quenching system in order
to promote the growth kinetics of the Nd2Fe14B phase. When
the melt was quenched prior to nucleation of the primary Fe

Table 1 Physical properties17) used for the theoretical calculation in Fig. 9.

In this system, only the Nd atom was assumed to be solute in these

properties, because the redistribution of the B atom at the solid/liquid

interface will not restrict the growth of Nd2Fe14B phase due to its

interstitial type atom.17)

Parameter Unit Fe NdFeB

C Nd concentration 0 11.8

TL Liquidus temperature K 1513 —

Tp Peritectic temperature K — 1450

Tc Congruent melting point K — 1480

mL Liquidus slope K/at.% �16:5 �7:7

mS Solidus slope K/at.% — —

� Gibbs-Thomson coefficient mK 2� 10�7 1� 10�6

�L Thermal diffusivity m2/s 6:1� 10�6 6:1� 10�6

� Density mol/m3 1:3� 105 1:76� 103

ks Thermal conductivity W/mK 33 20

D Diffusion coefficient in liquid m2/s 5� 10�9 5� 10�9

�Hf Latent heat J/m3 1:93� 109 —

cp Heat capacity J/m3K 5:74� 106 —

�Thyp Hypercooling limit K 336 518(0.35TM)

� Kinetic coefficient m/sK 2 —

Containerless Solidification and Net Shaping by Splat Quenching of Undercooled Nd2Fe14B Melts 859



phase, the Nd2Fe14B phase solidified directly from the
undercooled melt. Moreover, a small magnet with desired
shape was successively produced by the copper chill plates
with hemispherical holes. This result suggests the possibility
of net shaping of the small magnet from the melt.
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